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ABSTRACT: In the previous paper of this series, eight
formulations were analyzed under their uncross-linked forms
to relate liquid silicone rubber (LSR) chemical compositions to
material network topologies. Such topologies were confirmed
by swelling measurements and hardness evaluation on
vulcanized samples. In this article, characterization of cross-
linked materials is further done using different mechanical
measurements on final materials, including dynamic mechanical
analysis, compression set, stress−strain behavior and tear
resistance. It was shown that the compression set value is
mainly related to the chains motion: increasing the filler−polymer interactions and/or decreasing the dangling/untethered chains
content positively impact the compression resistance. Elongation at break depends on the molar mass between cross-linking
points, showing an optimum value set at around 20 000 g mol−1, i.e., the critical mass between entanglements. The distribution of
elastic strands into the network has strong implications on the stress−strain curves profiles. By generating bimodal networks, the
ultimate properties are enhanced. The materials cured by hydride addition on vinyl groups catalyzed by peroxide exhibit poorer
compression set and tensile strength values, respectively, because of post-cross-linking reaction and broad polydispersity index of
elastic network chains.
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1. INTRODUCTION

Thanks to their excellent properties such as superior elongation
at break, hydrophobicity, wide operating temperature range,
and fast cure properties, liquid silicone rubbers lend themselves
to a vast spectrum of applications, in particular for sealing and
joint applications. In the previous paper of this series,1 eight
commercial formulations used in automotive applications were
chemically characterized under their un-cross-linked forms
(vide infra) before being cured by injection-molding at 180 and
200 °C. We determined the filler content, the architecture and
molar mass of each prepolymers as well as the nature,
environment, and concentration of functional groups. Table 1
sums up the main differences observed between formulations as
determined from chemical analyses, and Scheme 1 gives a full
picture of the chemistry and physical-chemistry involved in
these materials.1

Liquid silicone rubber (LSR) formulations are mainly
composed of long α,ω-divinyl polydimethylsiloxane chains,
short SiH-multifunctionalized copolymers, silica, and platinum
as a hydrosilylation catalyst. The long chains enable high
control on the molar mass between cross-linking points (Mc).
To control the hardness of the materials up to 30 Shore A, one

simply adjusts the silica content, whereas harder materials are
obtained by decreasing the molar mass between cross-linking
points. This can be done either by varying the molar mass of
the vinyl terminated polymer and/or by incorporating few vinyl
groups inside the backbone of the polymer (monomer unit
named DVi according to the GE’s nomenclature). In presence of
platinum catalyst, poly(methylhydro-co-dimethyl)siloxane acts
as cross-linker. Depending on the distribution of the functional
groups in the cross-linker chain, the ratio between hydride and
vinyl groups ranges from 1.6 for well redistributed, up to 3.7 for
non redistributed methylhydrosiloxane units in the cross-linker
chain (redistribution reaction scrambles dimethylsiloxane and
methylhydrosiloxane copolymer units and thus spaces out the
functional group SiH in the chain) (Table 1). Strong
consequences on the material network structure were found:
the hydride groups in excess induce side reactions that form
additional short bridges between cross-linker molecules, i.e.,
highly cross-linked domains (Scheme 1). Note that we have
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shown that some formulations use a double curing system,
combining platinum and peroxide catalysts.From these results,
the reactivity and networks topologies of different samples were
predicted and confirmed by (i) evaluating the curing behavior;
(ii) investigating the final material in terms of molar mass
between cross-linking points (Mc) and physical cross-linking
between filler surface and PDMS network (expressed as Vr

Ph,
see Table S1 in the Supporting Information and ref 1 for
details). Formulation 1 contains high excess of hydride groups
forming extra cross-linking points to generate highly cross-
linked domains; formulation 2 entails two cross-linkers of
different chain lengths; vinyl-modified silica was found in
materials 2 and 7. Some formulations also include methyl-
vinylsiloxane units (DVi) in the polymer chains, below 0.2 DVi

per chains on average for materials 2 and 6 and up to 1.36 and
0.85 for materials 7 and 8, respectively. These randomly
distributed structures are suspected to cause broadening of the
polydispersity index of the elastic network strands. Formula-
tions 6 and 7 are cured through a combination of platinum and
peroxide catalysts. Radical reaction would induce reaction of
vinyl groups on methyl, creating less controlled network

architectures. Finally, formulation 8 is thought to incorporate
neutral PDMS chains.
In the following, we first ought to summarize the different

molecular physics theories available in the open literature to
simulate the behavior of thoroughly controlled silicone network
topologies, using model silicone chains and mastered cross-
linking chemistries. Contrary to methods and results developed
in this section, our approach in this series of papers is different:
here, a priori unknown industrial products far from “perfect”
networks are chemically characterized and then mechanically
analyzed after curing. The commercial formulations that we
studied in the previous paper of this series indeed entailed
complex topologies, with a variety of molar masses between
cross-linking points, contents of defects, and hydrogen bonding
densities between polymer and filler. In the present paper, we
further investigate these final materials by relating “chemically
understood” and “experimental” topologies (Mc, tan δ) and the
mechanical properties such as tensile and tear strength and
compression set of these materials. In a final discussion, we
gather all the tendencies found in chemistry, physical chemistry,

Table 1. Main parameters Describing the Chemical Compositions and Network Topologies of LSR formulations as Determined
from Chemical Analyses1

formulation hardnessa (Shore A) SiH
SiVi

catalysis system silica surface groups silica content (%) Mc
Theo b (kg/mol)

1 29 3.7 platinum methyl 29 43.3
2 30 1.8 platinum vinyl 28 41.0
4 31 2.3 platinum methyl 31 47.3
6 33 1.4 peroxyde + platinum methyl 28 34.8
7 50 1.6 peroxyde + platinum vinyl 31 13.1
8 32 2.1 platinum vinyl 28 16.8

aHardness given by suppliers. bMc
Theo corresponds to the expected molar mass between cross-links according to the chemical analysis.

Scheme 1. Main Structures Observed in LSR Formulations and Schematic Representation of a Nonperfect Silicone Polymer
Network Formed by End-Linking Reactions
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and mechanics of these materials to discuss the influence of
network parameters on mechanical properties.

2. LITERATURE SURVEY OF THEORIES ON
MECHANICAL PROPERTIES OF MODEL SILICONE
ELASTOMERS
2.1. Viscoelasticity versus Network Topology of

Unfilled Materials. Polydimethylsiloxane has been used for
decades as a polymer of choice for studying the rubber elasticity
of derived materials and assessed the molecular mechanisms of
polymer physics.2,3 Indeed, in addition to its chain flexibility
and mobility, PDMS permits high control of network topology
by end-linking reactions, vinyl-terminated polydimethylsiloxane
with tetrakis(dimethylsiloxy)silane, for instance. Although the
level of fundamental understanding is far from complete, the
main concepts linking the material architecture to the
mechanical properties are well understood. The main
parameters describing the network topology are the molar
mass between cross-linking points (molar mass of the elastic
chains), as well as the contents of (i) dangling chains (chain
attached to the network only by one end); (ii) chains loops
(chain with both ends meeting at the same junction), and (iii)
chains entanglements (Scheme 1). Obviously, each parameter
impacts the material properties. First, whatever the theoretical
molecular model considered to predict the elastic behavior of
polymer network (from affine to phantom limit models), it is
well-known that the modulus strongly depends on the molar
mass between knots Mc.

4,5 If the network consists on short
chains, brittle material with high tensile strength but small
elongation at break is obtained. On the contrary, long chain-
based network gives low ultimate strength but high
extensibility. The molar mass distribution has also an influence
on the elastomeric properties of a network.6,7

Another important point in polymer physics concerns all the
chains elastically inactive, such as loops, dangling chains, and
free chains. These defects clearly decrease the elastic properties
of networks due to the reduction in the amount of elastically
active chains, otherwise leading to a viscous modulus increase.
The basic idea, proposed by de Gennes,8 is that linear chains
are free to reptate. Damping then originates from the
viscoelastic relaxation via reptative motion of the free chains.9

End-linked networks containing unattached chains exhibit high
damping at a certain frequency which is controlled by the size
of the free chains and the mesh size.9,10 On the other hand,
branched chains or pendant chains must relax by a different,
slower mechanism, with movements from the free end to the
fixed one. Villar et al.11 proved that the loss modulus depends
significantly on the concentration and molar mass of the
dangling chains present in a network. In pendant chains, the
relaxation time increases exponentially with the number of
entanglements, while it varies in a power fashion for linear
molecules.11

It is important to note that long dangling chains can also
participate to the elasticity of the network. Indeed, for PDMS
chains above a critical molar mass Mc, lying between 21 0 and
33 000 gmol−1 according to different authors,12 physical
entanglements between silicone chains act as cross-linking
points separated by about 12 000 g mol−1.13,14 Ultimately, it
was shown that reacting PDMS (Mn = 28 000 g mol−1) in a
swollen state, in a view to minimize entanglements of the
chains between cross-linking points, strongly enhanced the
strain at break up to 3000%.15 At high frequency stress, pendant
chains behave as additional elastic chains because of these

entanglements, which cannot relax in that range of time or
frequency.16

Multimodal networks combine the high elongation of long
chain unimodal network and the high stress at break of short
chain unimodal material. For instance, bimodal networks have
been proven to present enhanced tensile test results compared
to unimodal networks, due to the ability of the shorter chains to
sustain most of the applied stress, whereas the more flexible
long chains provide ductility.17 On the contrary, the improve-
ment in fracture energy of precut bimodal networks over that of
unimodal networks is much less pronounced and appears to be
dictated by the average molar mass of the effective elastic
strands in each network.17 By increasing the cross-linker
functionality, the extent of reaction at the gel point decreases,18

whereas the maximum stress and rupture energy are
improved.19

The number of elastic chains can be obtained from the
storage modulus by DMA measurements, whereas the tangent
of loss angle tanδ, defined as the ratio E′/E″ of the storage (E′)
and loss (E″) moduli, evaluates the dissipation of the
deformation.20 For unfilled material obtained from end-linking
PDMS chains without any defect, Sullivan21 showed that tan δ
depends only on the cross-linking density. The higher the
molar mass between cross-linking points, the higher the tan δ.
Urayama10 prepared irregular networks, i.e., defects containing
network and showed that, either by increasing the monofunc-
tional chains content or by applying an off-stoichiometric ratio,
tan δ increases whereas E′ decreases. The pendant chains
display relaxation (E″ increase) at characteristic frequency
which depends on the molar mass, highest frequencies
corresponding to the faster relaxation process, i.e., the shortest
chains. Frequency-insensitive tan δ network can be obtained
with broad size distribution of pendant branched chains.

2.2. Mechanical Properties of Model Filled Materials.
To counteract the inherent weakness of silicone, formulations
are generally filled with silica, the surface of which creates
strong interactions with the polymer backbone. Improvements
in moduli and ultimate properties involve a hydrodynamic
effect arising from the inclusion of rigid particles and an
increase in the cross-linking density created by polymer−filler
bonding. In the absence of polymer−filler interactions, only
hydrodynamic reinforcement is expected.22 Far from the ideal
networks assuming an uniform chain length between cross-
linking points, the presence of filler particles randomly
distributed in the material, creates heterogeneity of polymer
chain lengths due to polymer−filler interactions.23 The types of
interactions which are determined by polymer adsorption
include different kinds of entanglement interactions24 and
polymer bridging between filler particles.25 One effect of the
filler is to increase the orientation and the extension of the
chains provoking an increase of both stress and material
modulus.26 The silica loading27 as well as the filler
morphology28 defined by the surface area,25 the residual
hydroxyl groups29 and the distribution of functional group
(vinyl for instance) on the filler surface30 may also change the
aggregation state and thus the mechanical properties of silicone
elastomers.31−34

The compression set (CS) measures the material ability to
maintain its elastic properties after prolonged thermal aging
under compression, high value of CS implying that the material
does not recover its initial height. Although slightly different
from compression set (which is a normal stress relaxation), the
shear stress relaxation has been extensively investigated
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theoretically35−37 and experimentally by rheology.38,39 Exper-
imental stress relaxation data have been found to follow the
empirical Chasset−Thirion equation40 of the power law form
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where G(t) is the stress relaxation modulus, Ge is the
equilibrium modulus, and m and τe are material parameters.
τe is a characteristic time, the parameter m is predicted to be
proportional to the cross-linking density and to the dangling
chains molar mass.16,41 Ferry20 suggested that the molecular
mechanism responsible for this long-time relaxation process is
the diffusion of dangling chain ends. Curro and co-workers42,43

developed two successive theories on the basis of the reptation
of branched polymer molecules in the presence of topological
entanglements.
The material ultimate properties, elongation at break and

tensile strength, are measured by tensile tests through stress−
strain curves. The Mooney-Rivlin equation permits to follow
the modulus evolution as a function of the elongation reciprocal
(vide infra). Generally speaking, during the tensile tests, three
stages are observed: a first part where the modulus drops off,
called the Payne effect, then a constant modulus region and a
ternary part corresponding to a modulus increase (“stress
upturn”). Recently, the Payne effect has been qualitatively
described by a model composed of a filler network formed
either directly between filler particles or through elastomer
domains. In the latter case, the adsorbed elastomer on silica
surface is glassy near the filler surface, so that its modulus
gradually decreases with the distance from the filler surface. In
addition, polymer may be entrapped in filler aggregates in so-
called “occluded rubber clusters”, which behave mechanically as
a unique filler particle and thus artificially increase the filler
content. The Payne effect would then originate from the
breakage and reformation of such filler networks and clusters.
This model describes the influence of (i) the filler specific area,
(ii) the silica content, (iii) the extent of silanol on the silica
surface, and (vi) the temperature on the Payne effect
amplitude.52−54

The phenomenon occurring in the medium region has been
extensively studied through examination of the Mullins effect.
The Mullins effect is a stress softening that invariably occurs in
silica-filled silicone elastomer during the first deformation
compared to the second and subsequent elongations. Various
theories including bond ruptures, molecule slipping, filler-
cluster rupture, chain disentanglement, chain retraction,
network rearrangement, and composite microstructure for-
mation have been proposed.55 Clement et al.56 highlighted the
molecular mechanism of Mullins effect from successive
stretching cycles at various temperatures and conclude that
this effect corresponds to the detachment or slippage of chains
having reached their limited extensibility on the filler surface.
Similarly, the final modulus upturn arises from the limited chain
extensibility between cross-linking points.57,58 Just before
breaking, those chains that withstand the large stress highly
contribute to the elastic modulus. The characteristic upturn is
especially observed for bimodal network and shifts to smaller
elongations as the number of short chains increases.59 Recently,
birefringence measurement have suggested that the limited
chains extensibility may not be the sole contributor toward the
bimodal reinforcement.60

Tear mechanism has been studied under threshold
conditions, i.e., at low rates of tearing, at high temperature,
and under a swollen state (using xylene for PDMS).61 In
principle, upon deformation, all chains of unimodal network
carry the same force. Fracture would occur by a catastrophic
dissociation of backbone bonds at a very critical stress. When
overloaded, chains break irreversibly and transmit the load to
neighboring chains, so that the elastic energy of the broken
chain is dissipated into heat. To strengthen a network, then,
one requires to reduce the stress concentration or, stated
alternatively, to increase the uniformity of force among network
chains by implementing a high cross-linking density.62

According to Lake and Thomas,61,63 the fracture energy
expressed as the energy to tear through a unit area for unfilled
elastomer can be calculated from

=G KMc
1/2

(2)

In this equation,M is the molar mass of the elastic strand that is
to be ruptured and K is a prefactor calculated from the polymer
chain properties. A recent work17 showed that the best
correlation between molecular mass and Gc is obtained by
using the molar mass between cross-linking points, taking into
account the entanglements. In addition to the polymer chain
properties, the fracture energy Gc comes from viscous
dissipation, strain-induced crystallization, and deviation of the
tear path in reinforced materials.64,65 Crystallization is not a
pertinent factor in PDMS networks as the experiments are
carried out far from the PDMS melting point (235K). For
unfilled materials, a steady tearing on “trouser” piece is
observed while the filled materials showed unstable tearing
(stick−slip tearing), especially at higher tearing rates. This
effect has been explained by the deviation of the tear path from
the straight-ahead direction by curving around and stopping
when it encounters a filler agglomerate, followed by a possible
new tear which then tends to repeat the same process. The
largest increase in tear strength occurred in going from 0 to 10
wt % silica, with smaller increases in tear strength resulting
upon further increase in silica content.66 Higher strength of
sulfur-cured networks (polychloroprene, styrene-butadiene
rubber, polybutadiene and ethylene-propylene copolymer)
compared to the same material cross-linked by peroxides was
explained by the reversibility of polysulfidic linkages that break
and reform when overloaded (also called “non catastrophic
energy dissipation”).67 Hydrogen bonds between silica surface
and polymer backbone might play similar role of energy
dissipation without failure. Tear resistance increases with the
silica content and with the specific area (for unmodified
precipitated silica surface).28 Contrary to elongation at break
and tensile strength, tear resistance (and compression set) can
be improved by incorporating inactive fillers which do not
create hydrogen bonds into silicone-silica blends.68 Yanyo and
Kelley69,70 observed improvements for bimodal compared to
unimodal network. Genesky et al.17 showed that improvement
due to unfilled bimodal or trimodal networks compared to
unimodal networks is much less pronounced for tear resistance
than for tensile test. Enhancement appeared to depend on the
average molar mass of the effective elastic strands in each
network. At a molecular level, it has been determined that
siloxane bond rupture occurs via an ionic mechanism producing
charged products that interact with the silica surface.71
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3. EXPERIMENTAL SECTION
3.1. Materials. The silicone formulations were provided by

different silicone suppliers. All the studied products are self-lubricating
LSR grades for automotive applications, cured by injection molding
machine at 180, 200, and 220 °C during 55, 47, and 36 s, respectively.
Among the eight materials originally selected,1 only 6 products
presenting the same content of silica were chosen for studying their
mechanical properties. Methylcyclohexane (ReagentPlus, 99% Sigma-
Aldrich) and ammonia (puriss., anhydrous, ≥99.9%) were purchased
from Sigma Aldrich and used as received in swelling measurements.
3.2. Methods. Dynamic mechanical analysis measurements were

performed on cylindrical disk (13 mm diameter, 6 mm thickness) in
compression with a plate−plate geometry in the linear domain at 30
°C, static and dynamic forces set at −0.5 and 0.4 N respectively. The
network elasticity (E′) originates from the network backbone while the
dissipativity of networks (E″) arises from the network defects, such as
dangling chains. The tangent of loss angle (tan δ = E′/E″) represents
the proportion of dissipated energy recorded from 100 to 5 × 10−3 Hz
(vide infra).
Compression Set measurements were carried out according to ISO

815 procedure. A cylindrical disk (13 mm diameter, 6 mm thickness)
was compressed to 25% of its original height, using spacers to
accurately set the strain. After 2 h at room temperature, the
compression device was placed in an oven at 150 °C for 72 h. The
sample was then removed from the oven, cooled for 30 min before
measuring the final thickness. The compression set is expressed as the
percentage of the original strain that is not recovered (eq 3).

=
−
−

*CS
H H
H H

1000 f

0 c (3)

where H0, Hf, and Hc are the initial, final and compressed height,
respectively. All presented values are mean values from 5 experiments.
Tensile and tear tests were carried out as nonequilibrium, dynamic

stress−strain measurements using a Zwick Proline Z005 tensile testing
machine. Tensile and tear tests followed ISO 37 (type 2) and ISO 34
(method B without precut) norms respectively (see TOC graph
showing the shapes of “dog-bone” and “right angle” specimens, used
respectively). The sample was first placed between clamps initially
separated by a distance of 50 mm; after a preloading step (0.5 N at 100
mm/min), the test specimen was lengthened at 500 mm/min until
failure. At that speed, the sample is out of equilibrium. For
comparison, Yoo72 extended the samples at 20 mm/min, the
maximum strain rate was selected after verifying that the stress−strain
data were independent of strain rate. Five specimens of each material
were tested.
Elongation is defined as the ratio ΔL/L0 (%), and modulus or

“reduced stress” as

α α
=

− −
f

A
modulus

( )2 (4)

where α is L/L0; f and A* represent the stress and the original
undeformed cross section area, respectively. From stress−strain curves,
values for the stress at break (i.e., tensile strength) and elongation at
break were derived.

The tear strength Ts is calculated from

=T
F
dS (5)

where F is the maximum force (N) and d the sample thickness (mm).
For all experiments, five stress−strain curves were collected for each
material.

4. RESULTS
4.1. Dynamic Mechanical Analysis Measurements.

Figure 1a shows that except for material 6, all the materials
present similar behaviors as a function of frequency. The
highest storage modulus on all the frequency range is observed
for material 8, followed by material 2. The elastic modulus of
material 6 at low frequency is due to long elastic chains, present
in low content. It thus rapidly increases with frequency to
solicit the short elastic chains, here in larger quantities; such
atypical behavior points out the broad size distribution of elastic
chains compared to other materials. Regarding the loss tangent,
materials 1, 2, 4, and 8 behave the same. The low tan δ of
material 1 reflects highly cross-linked domains. Despite its high
storage modulus, material 8 dissipates more energy because of
the relaxation of the plasticizer introduced into the network.
Again, material 6 presents atypical behavior with a marked
increase of tan δ with frequency, suggesting a broad distribution
of pendant chains.73

Studying the curing temperature effect on the network, tanδ
evolution confirms the main trends already observed (Figure
2). For material 2, high curing temperature strongly decreases
the tangent of loss angle meaning that the amount of defects
decreases. In agreement with the curing behavior, we show here
the lack of reactivity of material 2 at 180 °C, contrary to
material 4 that possesses the same cross-linking density and
dangling chains amount when cured at 180 or 200 °C. Material
6 presented higher tan δ as the curing temperature increased.
Two explanations are proposed here: either the curing reaction
at 200 °C took place too rapidly, producing network defects
such as dangling chains, or high temperature favored side
reactions, such as radical addition of vinyl groups on methyl
instead of hydride groups.

4.2. Compression Set Measurements. Compression set
measures the height recovering of cylindrical disk after
prolonged thermal aging under compression. Few studies

Figure 1. (a) Elastic modulus and (b) tan δ for 200 °C cured materials as a function of frequency.
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exploring the compression set behavior of silicones are available
in the open literature (see part 2.2), whereas some data are
barely found in the patent literature. For instance, Fitzgerald et
al.44 claimed that the control of the surface silanol density in
silica filler enables to control the percentage of the sealing force
retention; in other words, by keeping the initial height (low
compression set value), the sample maintains the “sealing”
stress. Other patents report examples of adding small contents
of high value specific additives to improve the compression set
of the materials. Typically, the compression set is reduced when
materials contain transition metals, for instance iron and
tungsten sulfides, cadmium selenide45 or iron−manganese
spinel.46 Another possibility described in some patents is to
incorporate low contents of sulfur47 and nitrogen compounds,
such as quaternary ammonium48,49 or ammonium carbox-
ylate.50 All these compounds increase the cross-linking density,
especially through weak interactions. Working on the network
topology, incorporation of vinylated resin (MMViQ or MViDQ)
has been proven to greatly enhance thermal aging properties.51

Cured at 200 °C, materials 1 and 4 present better
compression resistances than material 2; the worst results
were observed for materials 6 and 8 (Figure 3). Except 2 and 8,
all materials vulcanized at 180 °C or at 200 °C present the same

CS value, in accordance with the fact that the cross-linking
reaction is completed at a temperature as low as 180 °C (see
part I of this series).1 Increasing the curing temperature Tc
significantly improved the material 2 compression set value,
which is in agreement with the previous conclusions: 180 °C is
not sufficient to fully cross-link the material (increasing Tc leads
to higher elastic torque and lower tan δ).
Initially, the lubricant added in the formulations (see

contents given in the labels Figure 3) was thought to play a
significant role in the compression set value by freeing space
inside the polymer matrix. Surprisingly, although this parameter
must have his share in the unrecovered strain, other parameters
seem to more significantly impact the CS value. For instance,
the compression set values strongly correlate with the initial
tangent of loss angle (Figure 4). Poor CS values were obtained

for high tan δ values, which indicate an increase in the network
ability to dissipate energy through network defects, for instance
dangling chains, unconnected chains or polymer loops. These
free-moving structures are able to dissipate the compressive
stress by molecular motion and thus easily reorganize into the
polymer network during the thermal aging.
According to the chemical analyses, the materials 1, 2, and 4

possess molar masses between cross-links far above the critical
molar mass at which trapped entanglements are created,
whereas material 6 stands on the breaking point and material 8
does not contain such structures (Mc

Theo, Table 1). Yilgor et
al.74 have proved that trapped entanglements permit a better
recovery after elongation experiments. This behavior may
explain (at least in part) the large compression sets observed for
materials 6 and 8. During the compression set experiment, the
chemical structures can also change. For materials 1, 2, and 4
cured at 200 °C, the molar mass between cross-linking points,
determined by swelling measurements before and after CS,
remains constant (variations below 5%, see Figure 5a). On the
contrary, post cross-linking occurred for the materials 6 and 8
as well as for material 2 when cured at low temperature.
Formulation 6 contains a peroxide that cures the material at
temperature as low as 140 °C, since all functional vinyl and
hydride groups are consumed during the curing (see part I for
details); if this peroxide is not totally consumed during the
curing, the cross-linking reaction may be reactivated by the

Figure 2. Tangent of loss angle as a function of curing temperature
(180 °C, blue; 200 °C, green; and 220 °C red) for materials 2 (circle);
4 (up triangle) and 6 (down triangle).

Figure 3. Compression set value after 72 h at 150 °C for materials
cured at 180 °C (blue columns), 200 °C (green columns), and 220 °C
(red columns). (Labels give the exuding oil’s content).

Figure 4. Influence of the tangent of loss angle (measured at 1 Hz) of
different materials on its properties during the CS. Materials cured at
180 °C (blue squares), 200 °C (green circles), and 220 °C (red
triangles). Line is only a guide for the eye.
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temperature increase during the CS experiment so as to
connect methyl groups through radical coupling.75,76

For all materials, swelling measurements also allow to
quantify the extent of hydrogen bonding increase during the
thermal aging (for procedure details, see part I of this series)1

(Figure 5b). For materials cured at high temperature, smaller
evolution of hydrogen bond density was observed, most of the
interaction being already created during processing (see Table
S1 in the Supporting Information). Another interesting point is
the dependence of CS on the initial hydride excess measured by
1H NMR on un-cross-linked formulations (Figure 6). As no

functional groups were observed after the curing process,1 we
concluded that SiH groups have reacted one with another to
bridge the cross-linker molecules via short siloxane bonds
instead of with long polydimethylsiloxane chains. A bimodal
network is then created that is able to efficiently restrict
molecular motion of free chains.59 Mono or nonfunctional
chains1 induce higher compression set for formulation 8 than
predicted by the trend detected in Figure 6.
In conclusion, during the CS tests, PDMS chains rearrange

and filler−polymer interactions freeze the new configuration for
all formulations, unless trapped entanglements or amount of
hydrogen bonds created between silanols from the silica surface
and polymer backbone during curing are sufficient enough to

restrict the molecular motion. Very short chains that were
generated during the curing by consuming the hydride excess
also decrease the molecular rearrangement. Similarly, peroxide-
cured formulation undergoes cross-linking reaction under
compression and at high temperature. Besides, the network
defects, such as highly mobile chains that easily rearrange,
strongly impact the compression set value. Improving the CS
value goes through reducing the chains mobility either by
creating short chains (building a bimodal network through
hydride excess) or by curing the material at higher temperature
in the first place, i.e., increasing the extent of physical cross-
linking.

4.3. Tensile tests. For most materials, strain−stress curves
present an initial large drop in modulus while increasing
elongation, followed by a more or less marked increase of
modulus (Figure 7). Stress upturn occurs at high elongation for
materials 1, 2, 4, and 8, the latter being particularly marked
because of the high content of short elastic chains (Figure 7a),
whereas for materials 6 and 7, Figure 7b exhibits stress increase
at low elongation followed by nearly linear variation of
modulus, corroborating the broader distribution of elastic
network strands.
Regarding the ultimate properties, material 7 (50 Shore A)

provides the highest values of tensile strength with the lowest
elongation at rupture (e.g., 4.9 MPa and 335%, respectively, for
the material cured at 180 °C). Softer materials present similar
tensile strengths while the elongation at break ranges from 550
to 700%. Concerning the tensile strength (Figure 8), best
results are obtained for materials containing vinylmethylsilox-
ane units inside polymer chain (2 and 8, 0.16 and 0.85 DVi units
per chain in average, respectively). The latter is slightly better
thanks to higher stress upturn. Peroxide-cured materials 6 and 7
present the lowest results compared to the materials containing
DVi units. Plotting the elongation at break Eb as a function of
the molar mass between cross-linking points, measured by
swelling, shows an interesting trend (Figure 8). Better
agreement is found by plotting the molar mass between
cross-linking points taking into account the chemical and
physical cross-linking points than the sole chemical cross-
linking density Mc

Ch (see part I for details on various
parameters’ measurements).1 This result indicates that (at
least part of) the hydrogen bonds are strong enough to behave
as real cross-linking points. In agreement with Mark and Tang
results on bimodal networks,19 the elongation at break increases

Figure 5. (a) Evolution of the molar mass between cross-linking points and (b) variation in the physical cross-linking extent during the compression
set experiment (72 h at 150 °C) for materials cured at 180 °C (blue columns), 200 °C (green columns), and 220 °C (red columns); light and dark
colors indicate the values taken before and after compression, respectively.

Figure 6. Influence of hydride excess on the CS value for materials
cured at 200 °C (labels indicate the material name). Line is only a
guide for the eye.
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with Mc, ranging from 660 to about 3000 g mol−1. Here,
although tensile strengths do not depend on Mc

T, optimum Eb
is found for a Mc

T of 20 000 g mol−1; increasing Mc
T above that

point leads to a weakening of the material because of the too
low cross-linking density. One should note that this optimum
value stands near the critical value of molar mass between

cross-links Mc at which trapped entanglements, separated by
about 12 000 g·mol−1, are generated. Yilgor and co-workers,
while studying filled and unfilled thermoplastic PDMS-urea
copolymers, likely showed that increasing the molar mass of
soft segments, i.e., the molar mass between two physical cross-
linking points, so as to overpass the critical molar mass at which
entanglements are formed, led to an increase of the tensile
strength, particularly in the absence of silica.77,78

4.4. Tear Resistance of LSR. For some of our materials,
the tear did not appear clearly as a material rupture on the
strain−stress curves (as an example, see Figure 9). Indeed, at
190 mm, we observed either a complete tear (2-b and 2-e) or
only a small stress decrease (2-a, 2-c and 2-d). In that case, the
elongation to get complete tearing was at least doubled. We
attributed this tear path deviation to the high loading level of
silica (about 30% of silica particles for all materials), the tear
being additionally deflected by strength-oriented chains. In
these cases, the first stress decrease was taken as the force
required to initiate the tear.
All the materials show tear strengths in the same range,

except material 6 (Figure 10a). Surprisingly, the 50 Shore A
material (7) was found only slightly better (Ts = 15.8 N/mm)
than most of the 30 Shore A materials (tear strength between
12 and 14 N/mm). We did not find any clear correlations
between tear strength and molar masses between chemical or
physical knots, neither with the square root of Mc

T. For the

Figure 7. (a) Stress−strain curves and (b) Mooney−Rivlin plots for material 1 (black squares); 2 (red circles); 4 (green up triangles); 6 (blue down
triangles); 7 (orange stars); and material 8 (purple diamonds) cured at 200 °C (see experimental section for calculation details).

Figure 8. Elongation at break (solid symbols) and tensile strength
(open symbols) for materials cured at 180 °C (blue squares) and at
200 °C (green circles). Lines are only guides for the eye.

Figure 9. (a) Strain−stress curves reproduced 5 times of material 2 cured at 200 °C. Pictures taken (b) during and (c) after the tearing experiment.
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material 6, however, the high tearing strength can be ascribed
to the broad molar mass distribution between cross-linking
points that has been also evidenced during the tensile test.
Besides, that material highly dissipates mechanical energy as
proved by DMA measurements (high tan δ, see Figure 10b).
Such viscous dissipation might also explain the strong resistance
of material 6 (Figure 8). The partially cross-linked material 2
(cured at 180 °C) exhibits an intermediate tan δ value that is
not sufficient to improve the tear resistance.

5. DISCUSSION

Taking the whole picture of the chemical analyses and
mechanical properties results, the main parameters governing
the mechanical properties are the molar masses between cross-
linking points (either through physical or chemical bonds) and
their weight distribution, the contents of inelastic chains and
the polymer−filler interactions.
Concerning the first point, elongation at break increases with

Mc until reaching an optimum value around 20 000 g mol−1,
which roughly corresponds to the critical molar mass at which
trapped entanglements are created. Tensile and tear strengths
seem to greatly depend on the polydispersity of network
strands. One should remark that, keeping constant the molar
mass of the vinyl terminated PDMS, the cross-linker structure
determines the polydispersity of the elastic strands through the
number and the repartition of hydride functions into the cross-
linker chain. Short chains act as single cross-linker of
functionality f (Figure 11a), whereas for long cross-linker
chains and/or low concentration of hydride groups compared

to dimethylsiloxane units, the cross-linking point behaves as
multiple cross-linking points with an average functionality of 3
(Figure 11b). Moreover, in that case, the oligomeric chains
between two cross-linking points behave as small elastic strands
engendering bimodal network. Similarly, the hydride con-
version during the cross-linking reaction may change the cross-
linker functionality.5

Thus, small excess of hydride groups and short cross-linker
provide unimodal network in which all the cross-linking points
are precisely separated by the molar mass of the vinyl
terminated polymer. For such a network, no upturn is
discernible.79,80 Materials 6 and 7 seem to correspond to this
type of strongly unimodal network, since the chemical analysis
pointed out that they include in their formulation the shortest
cross-linker (2400 g mol−1 against from 5000 to 7700 g mol−1

for materials 1, 2, and 4) and the smallest ratio SiH/SiVi
(around 1.4) compared to other materials. It is not excluded
however that radical reactions randomly cross-link the PDMS
chains, producing large size distribution of network chains as
proved by the constant increase of modulus with elongation.
The influence of the second parameter, i.e., the content of

inelastic chains, is better reflected while comparing the
common LSR material, cross-linked by hydrosilylation, and
the material obtained by peroxide catalysis. The network of the
former presents more or less marked bimodal character because
of hydride functions excess or incorporation of DVi unit into the
chains, whereas the architecture of the latter is less controlled
and thus possesses a very large distribution of molar mass
between cross-linking points. As shown already, for the first
network type, better control on vulcanization through hydro-
silylation produces less free-moving structures that strongly
impact the CS value and improves the tensile strength.
Alternatively, peroxide-cured materials show enhanced tear
strength thanks to broad chain size distribution networks,
possibly assisted by a high dissipation factor. The compression
set value is on the other hand degraded, compared to the first
category, since post cross-linking reaction takes place during
the experiment (probably because of continuation of radical
reaction) and pendent chains rearrange on the silica surface.
The third parameter concerns the physical interactions with

silica that play a great role for tensile test and tear resistance.
Here, all the contributions, namely chemical knots and physical
interactions, have to be taken into account. The latter, though
weaker, plays a great positive role on these properties. Note

Figure 10. (a) Tear strength for materials cure at 180 °C (blue columns) and 200 °C (green columns); (b) correlation between TS and tan δ,
obtained from DMA (line is only a guide for the eye).

Figure 11. Structure and functionality of (a) short cross-linker, f = 5;
(b) long and/or having few hydride groups ( f = 3). Red and blue lines
stands for the cross-linker and vinyl terminated PDMS chain,
respectively; Black circles schematically represent the cross-linking
point.
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that if the physical cross-linking points do not go to completion
during the curing process, the interactions between silica
surface and polymer grow up during the thermal aging, leading
to poorer results for compression set. Surprisingly, functional-
ization of silica surface with coupling agents such as vinyl
groups (materials 2 and 7) has not been found a critical
parameter for enhancing the mechanical properties studied
here; only a slight improvement in tensile strength could be
attributed to the attachment of polymer matrix on the filler
surface.

6. CONCLUSIONS

In this series of papers, eight commercial formulations were
chemically characterized under un-cross-linked form and cured
by injection-molding at 180 and 200 °C. The network
topologies of these materials were primarily investigated by
swelling measurements and confirmed by dynamic mechanical
analysis. After curing, liquid silicone rubbers present elasto-
meric mechanical properties, namely elongations at break as
high as 700%, tensile strengths around 6 MPa, compression set
values from 15 to 25% after 72 h at 150 °C and tear strength
from 12 to 21 N/mm. Around these mean values, the eight
materials studied here present slight discrepancies of
mechanical properties that have been ascribed to network
topology variations. If the decrease in the content of dangling
chains enhances the compression set value, in the same time,
the tear resistance becomes worse. Molar mass between knots is
maybe the most crucial parameter governing all the mechanical
properties. In addition to the hardness, tensile test is also
dependent on Mc; in the range studied here, we found that an
optimal value exists providing the best elongation at break. Last
but not least, the Mc distribution provides an outstanding
contribution to mechanical properties such as compression set
and tear strength. However, if a large distribution enhances the
compression set and slightly improves the tensile strength
through stress upturn, narrower distribution gives exceptional
tear strength results. Against all expectations, a priori important
parameters such as curing temperature and vinyl functinaliza-
tion of silica surface only produced slight variation on the
investigated properties and have been proved to be of less
important for the materials studied here. Recently, Multi-
Quantum Nuclear Magnetic Resonance (MQ-NMR) has been
proved to be a powerful tool to probe the distribution of elastic
strands in a cross-linked material.81−83 This nondestructive and
noninvasive method could open new outlook in the study of
imperfect PDMS networks.84
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